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Metallographic and fractographic studies of intercrystalline fracture in high-purity 
AI-6Zn-3Mg bicrystals in inert, liquid metal, and water environments are described. 
The effects of variations in grain-boundary microstructure on fracture and the 
effects of cathodically charging specimens with hydrogen prior to testing in inert 
environments were also investigated. Mechanisms of liquid-metal embrittlement, 
stress-corrosion cracking and pre-exposure embrittlement are discussed in the light 
of these results. The observations suggest that liquid-metal embrittlement and 
stress-corrosion cracking generally occur by a plastic-flow/microvoid-coalescence 
process that is more localized than that which occurs in inert environments. It is 
proposed that adsorbed liquid metal or hydrogen atoms weaken interatomic bonds 
at crack tips, thereby facilitating the nucleation of dislocations and promoting the 
coalescence of cracks with voids. 

1. Introduction 
It is now widely accepted [1-7] that inter- 
crystalline cracking in high-purity and commer- 
cial A1-Zn-Mg alloys can be facilitated by the 
presence of hydrogen at grain boundaries. This 
acceptance is based largely on the phenomenon 
of "pre-exposure embrittlement" [2, 8, 9], 
namely observations that (a)pre-exposure of 
specimens to aqueous and moist environments 
prior to testing in inert environments at slow 
strain rates can decrease ductility and produce 
"brittle" intercrystalline fractures, (b) the duc- 
tility of pre-exposed specimens can be at least 
partially restored by re-heat treatment or by 
storing specimens in a vacuum prior to testing, 
and (c) hydrogen is evolved during deformation 
and fracture of pre-exposed specimens. Bubbles, 
presumably containing hydrogen, have also 
been observed along grain boundaries after elec- 
tron irradiation [4]. 

Intercrystalline stress-corrosion cracking 
(SCC) is also often attributed to the effects of 
hydrogen at grain boundaries since (a) fracture 

surfaces produced by SCC in moist and aqueous 
environments are similar to those observed for 
pre-exposed specimens [8, 9], (b) SCC occurs in 
moist air at low relative humidities (i.e. in the 
absence of a liquid electrolyte), and hence a 
dissolution mechanism - the main alternative 
to a hydrogen-embrittlement mechanism - can- 
not be applicable [10], (c) SCC is promoted by 
the presence of a hydrostatic stress which 
favours the concentration of hydrogen ahead of 
cracks [3, 11], and (d)there is evidence, e.g. 
striations on otherwise smooth fracture surfaces, 
that SCC involves discontinuous, brittle fracture 
[1]. The segregation of magnesium to grain 
boundaries is possibly also important, e.g. 
magnesium-hydrogen complexes [6] or thin 
films of magnesium hydride [5] could be formed. 
However, neither the precise role of hydrogen 
nor the precise mechanism of crack growth have 
been definitely established for intercrystalline 
SCC. 

For transcrystalline SCC in A1-Zn-Mg 
single crystals, where complications such as 
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magnesium segregation, and grain-boundary 
structure are not involved, the mechanism of 
SCC is more easily elucidated: Recent studies 
[12, 13] have indicated that adsorbed hydrogen 
rather than dissolved hydrogen is responsible 
since (a) embrittlement was not observed in 
specimens cathodically charged with hydrogen 
prior to testing in inert environments, (b) 
"brittle" crack growth in aqueous environments 
was observed at crack velocities as high as 

10ram sec -~ when hydrogen diffusion would 
not have time to occur, and (c) fracture surfaces 
produced by SCC were remarkably similar to 
those produced by adsorption-induced liquid- 
metal embrittlement (LME). The characteristics 
of "brittle" transcrystalline cracking, namely 
extensive slip on planes intersecting cracks, 
crack growth in (1 1 0) directions (on macro- 
scopic {1 00} planes), and small dimples/tear 
ridges on fracture surfaces, suggested that frac- 
ture occurred by localized plastic flow rather 
than by decohesion. I t  was therefore proposed 
[12, 13] that adsorbed hydrogen facilitated the 
nucleation of dislocations at crack tips and 
thereby promoted the coalescence of cracks with 
voids ahead of cracks. 

The mechanism proposed for transcrystalline 
SCC could also be applicable to intercrystalline 
SCC and this possibility was explored in the 
present work by determining (a)whether the 
characteristics of intercrystalline SCC and LME 
were similar, (b) whether intercrystalline 
embrittlement in aqueous environments could 
occur at high crack velocities, (c)whether 
hydrogen charging prior to testing in inert 
environments produced embrittlement, and 
(d) whether significant, localized plasticity and 
nucleation of voids ahead of cracks were associ- 
ated with SCC. Bicrystals of a high-purity 
AI-Zn-Mg alloy, with grain boundaries 
normal to the stress axis, wereused .  The 
metallographic and fractographic characteristics 
of crack growth for given environments and 
conditions are relatively uniform for bicrystals 
compared with polycrystals, and hence can be 
confidently used to elucidate mechanisms of 
fracture. 

2. Experimental details 
2.1. Preparation of bicrystal specimens 
Large grains (~  t0 to 30mm) were grown in 
high-purity A1-6.27Zn-2.94Mg ( ~  0.005 Fe, 

0.004 Si) wt % alloy strips by strain-anneal- 
ing, as described previously [12]. Specimens 
(40 m m •  10 mm x 2 mm) were cut from the 
strips such that a centrally located grain boun- 
dary was normal to the specimen axis and 
traversed the entire cross-section. Specimens 
were centrally notched (~  1 mm deep) at one 
edge to facilitate crack initiation at the boun- 
dary and then heat-treated. 

2.2. Heat  t rea tment  and microstructure 
Specimens were solution-treated in salt at 450 ~ C 
for 1 h and then given one of the following treat- 
ments: 

Treatment A: quenched into boiling water, 
aged in oil at 100 ~ C for 3 rain and 
then in salt at 180~ for 3 h. 

Treament B: quenched into water at 20~ 
and then aged in oil at 120 ~ C for 
24h. 

Treatment C: quenched into water at 20~ 
and then aged in oil at 90~ for 
11 days. 

Treatment A results in a low-strength, over-aged 
condition (Vickers Hardness, VHL0 ~ 142) with 
a precipitate-free-zone (PFZ) width --~ 170nm 
(Fig. la). Treatment B results in a peak hard- 
ness (T6) condition (VH~0 ~ 172) with a PFZ 
width ,-~ 25 nm (Fig. lb). Treatment C produces 
an under-aged condition (VH~0 ~ 177) with a 
PFZ width ~ 15nm (Fig. lc). (The "under- 
aged" condition has a higher hardness than the 
"peak-hardness" condition since the former was 
produced by ageing at a lower temperature.) The 
size and spacing of the grain-boundary pre- 
cipitates were not quantified but were largest for 
Treatment A and smallest for Treatment C. 
Small, widely dispersed inclusions were also 
present throughout the microstructure. 

2.3. Environments 
Specimens were tested in dry air, produced by 
packing magnesium perchlorate or silica gel 
around specimens, at ,-~ 20 ~ C, distilled water at 

20 ~ C, and a low-melting point (47 ~ C) bis- 
muth alloy (44.7Bi, 22.6Pb, 19.1In, 8.3Sn, 
5.3Cd) (wt%) at ~60~ Some specimens 
(Treatment A) were cathodically charged in 
3.5% NaCI plus 250mgl -~ NaAsO2 at - 1 . 6 V  
(against SCE) at 20 ~ C for 5 days prior to testing 
in dry air. 
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Figure 1 TEM showing microstructures of grain-boundary regions for (a) Treatments A; (b) Treatment B and (c) Treat- 
ment C (see Text). 

2.4. Testing 
Specimens were tested in cantilever or three- 
point bending under monotonically increasing 
stress and sustained stress. For  the former, 
specimens were bent rapidly ( ~ 5 ~  -1) or 
slowly ( ~  0.0006 ~ sec-l) producing crack- 
growth rates of  5 to 10mmsec -I and ,-~6 x 
10-5mmsec -1, respectively. The rates were 
determined from observations on the polished 
side surfaces of specimens. 

2.5. Examination of specimens 
Fracture surfaces were examined by scanning 
electron microscopy (SEM) and transmission 
electron microscopy (TEM) of secondary car- 
bon replicas. Observations of LME fractures 
necessitated removing the bismuth alloy by 
dissolution in concentrated nitric acid; this treat- 
ment did not produce any attack on the under- 
lying aluminium fracture surface. Plastic zones 
associated with SCC and LME (for Treatments 
B and C) were revealed in specimen interiors by 
ageing at 200~ for 30 min after crack growth 
(thereby producing coarse precipitation on 
dislocations), then sectioning, polishing, and 
etching. 

3. Results 
3.1. Treatment A - low strength, wide 

PFZ specimens 
3. 1.1. LME and fracture in dry air 
Application of the liquid-alloy environment to 
the notch region of  specimens loaded to just 

below the stress required for overload fracture in 
air resulted in immediate, rapid ( ~  10 mm sec-1) 
sub-critical crack growth. When only a small 
amount  of liquid alloy was applied, cracks ran 
out of the liquid alloy and stopped; specimens 
were then fractured in dry air. A transition from 
a "brittle" intercrystalline LME fracture surface 
to a "ductile" intercrystalline overload fracture 
surface was then observed (Fig. 2). A larger 
amount  of deformation and lateral contraction 
on the side surfaces of specimens were also 
apparent for the overload fractures compared 

Figure 2 SEM of fracture surface for Treatment A showing 
transition from LME to overload in air. Note the change in 
fracture-surface appearance and the larger amount of lateral 
contraction of the specimen side for overload compared with 
LME. 
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Figure 3 SEM of (a) overload region and (b), (c) mating halves of LME region, as in Fig. 2 but at higher magnifications to 
show the differences in dimple appearance for LME and overload fractures. 

with the LME fractures (Fig. 2). At high mag- 
nifications, SEM showed that overload fracture 
surfaces were covered with large, deep dimples 
with smaller, shallower dimples between and 
within the large dimples (Fig. 3a). In contrast, 
the LME fracture surfaces were covered with 
small, shallow dimples and isolated large 
dimples. Examination of stereoscopic pairs of 
micrographs from mating areas of opposite 
LME fracture surfaces (Fig. 3b) showed that the 
dimples were generally equiaxed with dimples on 
one fracture surface matching those on the 
other, as would be expected if the dimples 
resulted from a microvoid-coalescence process .  

3. 1.2. Rap id  fracture in water  
The appearance of fracture surfaces of 
specimens cracked rapidly (5 to 10 mm sec-1) in 
water was often quite different to that produced 
by crack growth in dry air. In dry air, large, deep 
dimples were observed as described above, while 
small, shallow dimples similar to those produced 
by LME were observed after fracture in water 
(Fig. 4). Specimens were cut from the same 
bicrystal, and hence the differences must be 
associated with an environmental effect. 

3.1.3. SCC in water 
Immersion of specimens, loaded to just below 

Figure 4 SEM of fracture surface for Treatment A produced by rapid cracking in (a) dry air, and (b) water. Note the 
difference in appearance of dimples. 
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Figure 5 SEM of fracture surface for Treatment A showing transition from SCC at high K to overload in air; note striations 
(arrowed) on SCC region. 

the stress required for overload fracture, in 
distilled water resulted in sub-critical crack 
growth with velocities ~ 10-4 mm sec- 1; after 
several millimetres of crack growth had 
occurred, specimens were dried and then 
fractured in dry air. Transitions from "brittle" 
intercrystalline SCC fracture surfaces to "duc- 
tile" intercrystalline overload fracture surfaces 
were observed (Fig. 5), as for LME-to-overload 
fractures. Striations were sometimes observed 

on SCC fractures (Fig. 5) and were probably 
crack-arrest markings since striations on one 
fracture surface matched striations on the other 
fracture surface. At high magnifications, SEM 
showed that SCC fractures were covered with 
small, shallow dimples, similar to those observed 
on LME fractures (Fig. 6a). 

Dimples on SCC (and LME) fractures were 
only dearly observed after crack growth at high 
stress intensity factor (K) values - dimples 

Figure 6 Fracture surfaces produced by SCC for Treatment A (a) at high K showing dimples, (b) at low K showing only 
isolated dimples (arrowed) using SEM, and (c) at low K showing extremely shallow dimples using TEM. 
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Figure 7 SEM of fracture surface for Treatment B showing transition from smooth SCC fracture produced at high K to 
dimpled overload fracture. 

become shallower and more difficult to resolve 
with decreasing K. At low K values, SEM 
revealed relatively smooth fracture surfaces ex- 
cept for precipitates (and precipitate sites) and 
isolated dimples (Fig. 6b). However, TEM of 
replicas shadowed at low angles and examined 
at high tilt angles to enhance contrast, showed 
that extremely shallow dimples were generally 
present (Fig. 6c). 

3. 1.4. Hydrogen-charged specimens 
Fracture surfaces of specimens (cut from the 
same bicrystal) fractured rapidly or slowly in dry 
air with and without prior cathodic charging 
were covered with large, deep dimples, i.e. 
hydrogen charging did not result in embrittle- 
ment for Treatment A. 

3.2. Treatments B and C - 
high strength, narrow PFZ 
specimens 

For Treatment B, changing from the liquid alloy 
or distilled water environment to dry air during 
crack growth resulted in changes from a 
"brittle" to a "ductile" fracture-surface 
appearance (Fig. 7), as observed for Treat- 
ment A. However, for Treatment B, overload 
fractures in dry air were dimpled on a much finer 
scale than for Treatment A, and dimples were 

not observed on SCC or LME fracture surfaces. 
Observations on the polished side surfaces 
(Fig. 8a) and in the interior (Fig. 8b) of cracked 
specimens showed that significant plasticity 
was associated with SCC and LME, although 
plastic zones were smaller than those associated 
with overload fractures. 

For Treatment C, SEM and TEM of overload 
fractures produced in dry air generally showed 
smooth fracture surfaces except for precipitates 
and slip lines (Fig. 9a), although extremely 
small, shallow dimples were observed by TEM 
in some areas (Fig. 9b). SCC and LME fracture 
surfaces appeared the same as those for Treat- 
ment B, i.e. fractures were flat with no evidence 
of dimples. 

4. Discussion 
4.1. Mechanism of fracture in dry air 
It is well established [14, 15] that intercrystalline 
fracture of high-strength AI-Zn-Mg alloys in 
inert environments (without prior exposure to 
hydrogen-bearing environments) involves (a) 
preferential plastic deformation in soft PFZ 
adjacent to grain boundaries, (b) nucleation of 
voids by separation of grain-boundary- 
precipitate/matrix interfaces, and (c) growth and 
coalescence of voids. Fracture surfaces are 
therefore dimpled and the size of dimples 
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Figure 8 Optical micrographs showing deformation associated with SCC for Treatment B (a) on specimen side, and (b) in 
specimen interior revealed by ageing after SCC, sectioning, polishing and etching; the light etching zone (A) in the upper grain 
indicates that considerable deformation has occurred. 

depends particularly on the size and spacing of  
grain-boundary precipitates. The matrix 
strength (which determines the degree of strain 
localization in PFZ), the width of  PFZ, and the 
orientation of grain-boundary planes to the 
tensile-stress direction can also influence the 
appearance of dimples. 

When grain-boundary precipitates are widely 

spaced, PFZ  are wide and matrix strengths are 
low (as for Treatment  A) large, deep dimples 
are observed on fracture surfaces. Nucleation 
and growth of voids occurs preferentially 
around larger precipitates or inclusions and the 
coalescence of  the resulting large voids with each 
other and with the crack tip then involves 
nucleation and growth of  voids around smaller 

Figure 9 (a) SEM, and (b), TEM of overload fracture surface for Treatment C. SEM shows smooth areas except for 
precipitate marks and slip lines. TEM reveals areas of extremely shallow dimples. 
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precipitates. Thus, small dimples are often 
observed within and around the large dimples. 
As would be expected, dimples are smaller and 
shallower when either the spacings of grain- 
boundary precipitates are smaller, matrix 
strengths are higher, or PFZ are narrower (or all 
three, as for Treatments B and C). For Treat- 
ment C, fracture-surface dimples were just 
visible in some areas but not in others suggesting 
that the microvoid-coalescence process can 
occur on such a localized scale that dimples are 
too small and shallow to be replaced by either 
SEM or TEM fractograph techniques. 

4.2. Mechanism of I_ME 
It is generally accepted [16, 17] that rapid sub- 
critical crack growth in liquid-metal environ- 
ments is associated with adsorption of liquid- 
metal atoms at crack tips. The range of influence 
of adsorption on metals is only one or two 
interatomic distances, and hence it is also gener- 
ally accepted that adsorption reduces the 
strength of interatomic bonds exactly at crack 
tips. For Treatment A, LME fracture surfaces 
were covered with shallower dimples than those 
on overload fractures, indicating that crack 
growth in the liquid-metal environment occur- 
red by a more localized microvoid-coalescence 
process than that in dry air. Similar observations 
have been made for transcrystalline LME in 
A1-Zn-Mg, and for LME in other ductile 
materials [18, 19], and have been explained on 
the basis that adsorption facilitates the nuclea- 
tion of dislocations and thereby promotes the 
coalescence of cracks with voids. 

For Treatments B and C, LME fracture sur- 
faces were apparently smooth except for 
precipitates, and hence crack growth could pos- 
sibly occur by adsorption-induced decohesion. 
On the other hand, LME could occur by a 
microvoid-coalescence process on such a small 
scale that dimples are not resolved by frac- 
tography, as apparently occurs during overload 
fracture for Treatment C. The observation that 
considerable slip occurs in precipitation- 
hardened grain interiors adjacent to LME 
cracks suggests that strains in soft PFZ are large, 
and hence that a microvoid-coalescence process 
is more probable than a decohesion process. 
Furthermore, the fact that intercrystalline LME 
occurs at much lower stresses than transcrystal- 
line LME also suggests that crack growth occurs 
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by localized plastic flow; crack growth by de- 
cohesion should occur preferentially along a 
fracture path where there is a minimum of plas- 
tic work associated with fracture [20], i.e. across 
precipitation-hardened grains rather than along 
soft PFZ at grain boundaries. 

4.3. Mechan i sms  of S e C  
Observations that (a) fracture surfaces produced 
by SCC are similar to those produced by LME, 
(b) embrittlement in water could occur at high 
crack velocities for Treatment A, and (c) 
cathodic charging did not produce embrittle- 
ment for Treatment A, all suggest that adsorbed 
hydrogen rather than dissolved hydrogen, 
hydride films, or dissolution produces inter- 
crystalline SCC. The same three observations 
and the same conclusion were also made for 
transcrystalline SCC, as discussed in detail else- 
where [12]. The characteristics of SCC, namely 
dimpled fracture surfaces for Treatment A and 
considerable slip adjacent to cracks for 
Treatments B and C, suggest that SCC occurs 
by adsorption-induced dislocation nucleation 
rather than by adsorption-induced decohesion, 
as discussed for LME. 

SCC could sometimes involve other processes 
besides adsorption, since protective oxide films 
could form at crack tips and prevent hydrogen 
adsorption or inhibit dislocation nucleation at 
crack tips. Diffusion of hydrogen through oxide 
films and along grain-boundaries ahead of 
cracks may then be necessary for crack-growth. 
Fracture of oxides could then produce sudden 
increments of crack growth if monolayer 
coverages of hydrogen are present along grain 
boundaries ahead of cracks, since interatomic 
bonds at advancing crack tips would be 
weakened by hydrogen. Alternatively, incre- 
ments of hydrogen-induced cracking may 
initiate at grain-boundary precipitates ahead of 
cracks. Crack growth should stop when the con- 
centration of hydrogen falls below a critical 
value and the above processes may then be 
repeated. Such discontinuous cracking should 
produce crack-arrest markings, as sometimes 
observed in the present work and by others [1]. 

Crack advance by decohesion rather than by 
localized slip could also sometimes occur, since 
some studies of SCC have not found evidence of 
slip. For example, studies of SCC in thin foils 
by TEM [21] showed that crack growth had 



occurred along grain boundaries and grain- 
boundary-precipitate/matrix interfaces; disloca- 
tions were not observed and it was suggested 
that decohesion had occurred. However, 
dislocations often escape from foils, and hence 
such evidence is not conclusive. 

4.4. Mechanisms of pre-exposure 
embrittlement 

Pre-exposure embrittlement has been observed 
[2, 8, 22] for under-aged and peak-hardness 
microstructures but was not observed in the 
present work or by others [22] for over-aged 
microstructures. Over-ageing produces coarsen- 
ing of MgZn2 grain-boundary precipitates and 
thereby decreases the concentration of elemental 
magnesium at grain boundaries. Thus, high con- 
centrations of magnesium at grain boundaries 
are possibly required to produce pre-exposure 
embrittlement, For example, the presence of 
magnesium could (a) promote hydrogen adsorp- 
tion and diffusion along grain boundaries, and 
(b) favour hydrogen remaining in an embrittling 
atomic form rather than precipitating at traps as 
innocuous hydrogen gas. It should also be noted 
that pre-exposure embrittlement may not be 
observed if tests are performed at strain rates 
which are too high or too slow, suggesting that 
hydrogen diffusion is involved [2, 9]. However, if 
hydrogen atoms are present at grain boundaries, 
then they should weaken interatomic bonds at 
crack tips as discussed for SCC. 

Besides the presence of atomic hydrogen at 
grain-boundaries, pitting and penetration of 
grain boundaries by hydrated oxide [23] or 
hydride [7] films could also contribute to pre- 
exposure embrittlement if corroded surface 
layers are not removed. Hydrated oxides could 
provide a source of moisture at crack tips, even 
when the surrounding atmosphere is nominally 
dry, so that hydrogen could also be generated 
during crack growth. The contributions of these 
effects to pre-exposure embrittlement will 
depend on the exact experimental procedure and 
further work is clearly required to determine 
their relative importance. 

5. Conclusions 
(a) Crack growth in inert environments 

occurs by a localized plastic-flow/microvoid- 
coalescence process in soft PFZ at grain boun- 
daries and produces dimpled fracture surfaces; 

for very narrow PFZ and high matrix strengths, 
this process can be so localized that dimples are 
sometimes not resolved on fracture surfaces. 

(b) The metallographic and fractographic 
observations suggest that both SCC and LME 
occur by a plastic-flow/microvoid-coalescence 
process which is more localized than that which 
occurs in inert environments. 

(c) It isproposed that adsorbed hydrogen or 
liquid-metal atoms weaken interatomic bonds at 
crack tips, thereby facilitating the nucleation of 
dislocations and promoting the coalescence of 
cracks with voids. 
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